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Tensile properties of a thick, multipass, submerged-arc (SA) weld-deposited type 316 are
investigated by tests at room temperature and at 400° C and by microstructural and compo-
sitional analyses. The as-deposited metal, which shows a lower yield strength, a comparable
ultimate tensile strength and a lower total elongation compared to the (solution-annealed)
parent metal, is characterized by systematic variations in tensile properties across its thickness,
with the highest strength and the lowest ductility in the weld centre. These variations are
related to material variability (mainly changes in dislocation density) within the weld metal
due to local dissimilarities in thermal and mechanical histories during welding.

1. Introduction

The design, prediction of performance, and safety
analysis of austenitic stainless steel welded com-
ponents, such as those needed in advanced nuclear
systems (for instance, the primary containment in
liquid metal fast breeder reactors (LMFBR) or first-
wall structures in tokamak fusion devices), require a
complete knowledge of their physical and mechanical
properties. Unfortunately, whilst much information
on the mechanical characteristics of austenitic stain-
less steel welds has been obtained from (transverse to
weld) composite specimens, only little or even no data
are available on the mechanical behaviour of the indi-
vidual zones of the welded joint (parent metal, heat-
affected zone (HAZ) and weld-deposited metal) as
shown in literature reviews [1, 2]. In particular, it
would be useful to have at one’s disposal more infor-
mation on the mechanical properties of the weld-
deposited metal as influenced by its material variability.
This is characterized by microstructural variations:

(a) between the parent metal (usually fully austenitic)
and the weld metal (containing various amounts of
o-ferrite retained at room temperature) [1-4]. The
presence of d-ferrite in the austenite matrix is necess-
ary to prevent cracking during welding according to a
well-gstablished practice;

(b) within the weld-deposited metal from one point
to another in the dislocation density, in the columnar
grain size, in the substructure size, in the content,
distribution and morphology of é-ferrite or other
phases eventually present as carbides, or o-phases,
and in the chemistry (adjustment by filler metal) [3-9].
In particular, in the case of a heavy section (thickness
25mm) of austenitic weld deposit, when the number of
welding passes is considerable, the variations in the
dislocation density from the surface to the centre of
the weld are enhanced [10, 11].
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The above microstructural and compositional
variability was confirmed previously [12] on a weld
deposit from a weld prepared by joining 50 mm thick
type 316 stainless steel (vessel) plates with a multipass
submerged-arc weld. With a view to assess the effect of
the above variability (within the weld) on the time-
independent (tensile) behaviour of the weld-deposited
metal itself, a further study was performed on the
same type 316 stainless steel SA weld generating
tensile data at room and high temperatures from all-
weld specimens taken from various locations across
the weld metal, and evaluating the factors which influ-
ence the deformation and fracture behaviour by
microstructural and compositional analyses. The
results are presented and discussed here.

2. Material
The base material for the present study was a type 316
stainless steel supplied by Uddeholm (Sweden) as a
50 mm thick solution-annealed plate (heat LK 4290).
The chemical analysis is given in Table I. The steel is
characterized by a high nitrogen level, a relatively low
carbon level and strict limitations in impurities which
are supposed to increase mechanical properties and
improve weldability, in accordance with the specifi-
cations proposed by Wood [13] for type 316 stainless
steel to be used in LMFBR systems. The microstruc-
ture proved to be fully austenitic with an approxi-
mately equiaxed grain size of 90 um and a Vickers
hardness (10kg load) of 215kgmm ™2 There were
non-metallic inclusions (alumina and globular oxides)
and no carbide precipitates were observed. This heat
has been previously extensively tested on its tensile
behaviour over a large strain-rate range (1 x 1073 to
1 x 1072 sec™") and for a variety of temperature con-
ditions (20 to 800° C) [14-16].

The weld was made by Zanon (Italy) with an auto-
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TABLE I Chemical composition (wt %) of materials tested [12]

Material Cr Ni Mo C N Si Mn P S Ti Nb Cu Fe
AISI 316
As-received 16.9 12.3 248 0.052 0.082 034 167 0.020 0.009 0.006 0008 0.007 rest
Solution annealed
(50 mm thick) plate
Weld material
Root deposit 17.80 1175 249  0.03 0.07 048 152  0.031 0.027 0.003 0012 0.005 rest
Front-pass deposit 17.33 11.24 254  0.03 0.07 0.67 099 0.037 0.029 0.003 0009 0.092 rest
Back-pass deposit 17.24  11.08 263 003 0.07 0.65 097 0.035 0.028 0003 0.009 0.125 rest

matic SA machine by joining along the longest side
some sections (1260mm x 300mm x 50mm) cut
from the plate. A joint configuration, symmetrical
double U-groove, was adopted and a multipass pro-
cedure (28 passes) was chosen because of the large
thickness (50 mm) of the plate. Two type 316 L com-
mercial filler metals were used with compositions
adjusted to match the base metal in order to obtain
in the weld-deposit compositions characterized by a
volume per cent of d-ferrite between 3 and 8, as
required by established practice to prevent hot crack-
ing [17]. The welding conditions are given in Table II.
More details concerning the welding procedure are
reported in the investigation mentioned previously
[12].

A satisfactory weld soundness was found by con-
ventional non-destructive testing (fluorescent pen-
etrant liquid method and radiographic examination).
However, because of the poor inspectability of aus-
tenitic stainless steels, it is difficult to detect such
defects as microporosities, which could, however,
be present. Finally, no post-weld heat treatment was
performed.

Exhaustive details of the macro- and microstructures
of the weld-deposited metal are available [12], but the
features more relevant to the present study can be
summarized and illustrated briefly by:

(a) a view of the weld cross-section (Fig. 1) which
may be characterized by an approximate hour-glass
shape of the weld deposit, not symmetrical over
the mid-plane of the plate, through a build-up of the
successively overlaid weld beads reflecting the multipass
procedure, and by a macrostructure which consisted
of long columnar grains;

(b) a solidification substructure of the weld which
was mainly cellular or cellular-dendritic and no pres-
ence of equiaxed grains;

(c) a duplex (y-austenite matrix plus d-ferrite second

TABLE II Welding parameters {12]

Process Submerged-arc welding*
Joint design Double U-groove
Number of passes 28

Interpass temperature 55°C (max)

Post heat None

Electrode wire 2.4 and 3.25mm diameter
Flux Neutral

Current 280 to 340A

Voltage 30V

45 to 58 conmin !

1.05 to 1.1I2MJm ™!

Travel speed
Heat input rate

*First pass made by shiclded metal-arc welding.
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phase) microstructure (Fig. 2a) which was charac-
terized by vermicular ferrite located at the cell axes as
a result of ferritic-austenitic solidification followed by
a solid-state -y transformation. However, somé areas
of the weld deposit in the root region solidified with a
final morphology (Fig. 2b) which was characterized by
a distribution of J-ferrite at the cell-boundaries after
austenitic—ferritic solidification.

3. Experimental procedure

Cylindrical tensile specimens were machined from
several sections of the welded joint described above,
parallel to the weld direction (all-weld specimens) at
various distances from the weld centre according to
the sampling location of Fig. 3. Standard specimens
(diameter 10 mm and gauge length 50 mm) indexed B
and C, and small specimens (diameter 4 mm and gauge
length 20 mm) indexed D and E were prepared. The
latter specimens were used because of the restricted
width of the root deposit region. The choice of the
position of specimen D at Smm from the weld axis
(front-pass side) was justified by a local relatively
brittle area of structural significance, characterized by

Figure | Macroetched view of cross-section from type 316 stainless
steel SA weld joint [12].



(b)

Figure 2 Three-dimensional composite micrographs of the ferrite morphology in type 316 stainless steel SA weld-deposit: (a) vermicular
o-ferrite (dark etching) located at the cell axes (ferritic-austenitic solidification mode); (b) vermicular é-ferrite (dark etching) distributed at
the cell-boundaries (austenitic—ferritic solidification mode). The J-ferrite alignment is in the cellular or cellular~dendritic growth direction

which is also the heat flow direction.

very high HV10 hardness values ranging from 284
to 296 kgmm™?, whereas in the other areas of the
weld metal the hardness (HV10) ranged from 230 to
270kgmm~? (Fig. 13 of [12]). Additional standard
tensile specimens, indexed A, were machined from an
unaffected region away from the weld (parent metal
specimens).

Diameter | |10
Diameter | 16

50

[}
A

| Diameter 4
Diameter 10

Figure 3 Location of standard (A, B, C) and small (D, E) tensile
specimens. Hour-glass-shaped region represents type 316 stainless
steel SA weld-deposited metal. Dimensions in mm.

Tensile tests were performed by a Schenk-Trebel
RM 100 electro-mechanical machine at room tem-
perature and at 400° C, and over a strain-rate range of
1 x 10*to 1 x 107%sec™! for the standard speci-
mens, and at a single strain-rate of 1 x 107° sec™! for
the small specimens. All the specimens were pulled
to fracture at a constant extension rate. Specimen
deformation was monitored during the test using
an inductive extension sensor for accurate strain
measurements. The tests at 400° C were run in air in a
tubular electrical-resistance type furnace with a tem-
perature along the gauge length of the specimen main-
tained within + 2°C. The choice of 400° C (~0.40 Ty,
where T is the absolute melting temperature) for the
hot tests was made because data related solely to
time-independent behaviour of the material were
required. In fact, at temperatures above 400°C the
time-dependent behaviour becomes significant in
type 316 stainless steel and superposition with time-
dependent behaviour could occur.

Transverse and longitudinal sections, cut from
halves of selected broken specimens, were prepared by
mechanical polishing and electrochemical etching
(10% oxalic acid or 50% HNO, solution) for metallo-
graphic examination (Leitz MM 6 optical microscope).
The fracture surface was investigated by scanning
electron microscopy (Philips SEM 505) in order to
assess the fracture mode. Chemical microanalyses
were carried out using an EDAX detector fitted to the
Philips SEM 505. '

Finally, TEM analyses were also used in selected
deformed specimens. Thin foils were taken from
longitudinal sections and prepared by electropolishing
to perforation in a 70:15:15 acetic acid : perchloric
acid:ethanol (by volume) electrolyte with initially
37V and in the final part of the preparation with 30 V.
Lastly the ferrite (volume) content was evaluated in
selected specimens using a permeability meter (Fisher
ferrite scope).
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4. Results and discussion
4.1. Tensile properties
Experimental data for the usual engineering proper-
ties measured in a tensile test, such as 0.2% vyield
strength (YS), ultimate tensile strength (UTS) and
total elongation to fracture (e;), are illustrated as a
function of the test temperature and strain-rate in
Table ITI for the standard specimens A (parent metal),
B, C (front- and back-pass deposits) and for the small
specimens D and E (root-pass deposit). Fach value
represents the average from at least two tests.
Compared with weld and parent metal data, the
weld-deposited metal (front- and back-pass deposits)
has a comparable ultimate tensile strength, a sig-
nificantly higher yield strength and a lower total
elongation than the parent metal, which is in agree-
ment with literature reviews on austenitic stainless
steel welds [18, 19]. An important factor, according
to a general explanation [4, 5, 18, 19], is the thermo-
mechanical effects during welding which induce
considerable deformation and a worked final micro-
structure. Ward [4] has estimated the tensile charac-
teristics of a multipass gas—tungsten arc-deposited
type 316 stainless steel to be consistent with those of
an equivalent steel in 7% to 8% cold-worked con-
ditions. Further information on the strain-hardened
state in the present weld deposit can be obtained from
the 0.2% YS/UTS ratio values also listed in Table I1I.
Front- and back-pass deposits are characterized by
high YS/UTS values included in the ranges 0.78 to
0.81 and 0.72 to 0.79 at room temperature and at high
temperature, respectively, whereas in the case of the
base metal, the YS/UTS ratios are considerably lower
(0.42t0 0.51 and 0.30 to 0.34 at room temperature and
at high temperature, respectively). The above features

indicate a low weld-metal strain-hardening capacity
which is typical of cold-worked metal, whereas for the
parent metal a high strain-hardening capacity is seen,
as expected from a solution-annealed structure. The
above observations are also justified when, for com-
parison with weld metal and parent metal, we take
into account the data of Table III which are related to
the root deposit region of the weld metal.

Other factors which contribute to the differences in
yield strength and ductility between parent and weld
metal could be found in a strengthening effect in weld-
deposited metal of d-ferrite and/or of the chemistry
[1, 2]. o-ferrite strengthening, as will be shown later, is
not relevant in the present case, whereas chemistry
effects (differences in composition between parent
metal and weld-deposited metal as shown in Table I)
are consistent but they are in the favour of the parent
metal (higher contents of carbon and nitrogen, both
strong interstitially solid-solution strengtheners [20]).
This should be considered in the sense that it tends to
balance the strengthening effect of thermal cycling and
so reduces the differences in the corresponding tensile
properties of the parent and the weld metal.

Comparising front-pass, back-pass and root deposits,
it is evident from Table III that, for the investigated
single strain rate of § = 1 x 10 %sec™!, the root
deposit YS and UTS exceed the front-pass and back-
pass deposit YS and UTS, respectively, whereas the
root deposit ¢, is lower than the front-pass and back-
pass deposit ;. On the contrary, the YS, UTS and e,
data for the front-pass and back-pass deposits are
nearly equal to both temperatures and at all strain
rates investigated. The above significant differences
between front- and back-pass deposit data, on the
one hand, and root-pass data on the other, are generally

TABLE III Tensile properties of all-weld metal and parent metal specimens

Specimen location Temperature Strain rate 0.2% yield Ultimate tensile YS/UTS Total
() (sec™!) strength strength (MPa) ratio elongation

(MPa) (%)

Front-pass deposit B 20 1 x 1072 477 590 0.81 36.8

B 20 1 x 1073 470 585 0.80 45.5

B 20 1 x 107* 465 592 0.79 40.6

Back-pass deposit C20 1 x 1072 475 598 0.79 37.1

C20 1 x 1073 470 591 0.80 42.1

C20 I x 107 468 603 0.78 46.1

Front-pass deposit B 400 1 x 1072 351 445 0.79 26.7

B 400 x 1073 352 455 0.77 274

B 400 1 x 107 358 483 0.74 28.3

Back-pass deposit C 400 1 x 1072 349 453 0.77 26.4

C 400 1 x 1073 352 472 0.75 283

C 400 1 x 107* 359 497 0.72 28.8

Root deposit* D 20 1 x 1073 575 656 0.88 27.8

E 20 1 x 107° 615 670 0.92 375

D 400 1 x 1073 459 507 0.91 16.0

E 400 1 x 1073 440 487 0.90 31.0

Base metal A 20 1 x 1072 300 588 0.51 53.6

A 20 1 x 1073 277 587 0.47 61.8

A 20 1 x 1074 252 598 0.42 75.7

A 400 1 x 1072 163 432 0.34 443

A 400 1 x 1073 155 495 0.31 477

A 400 1 x 107 152 512 0.30 48.6

*PData for small specimens.
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' Figure 4 All-weld metal tensile characteristics (UTS,
white; YS, striped, e; dotted) at room temperature

(bottom) and at 400° C (middle) and hardness (HV10)
values (top) plotted along the type 316 stainless steel
weld thickness.
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observed in multipass austenitic stainless steel welds
[3-5, 8, 10, 11} and have been explained in terms of
thermal stresses occurring in welding which produce
significant deformations in inner beads with increased
dislocation density in the root region because of the
fact that more thermal cycles are experienced by this
region as compared to other regions. This explanation
is fully valid also in the present case because other
types of possible influence, such as those mentioned in
Section 1 (variation in columnar grain size, etc.),
are of minor importance in the present work, as will be
discussed later. It should be noted that the large vari-
ations in YS and UTS from the surface to the centre
of welds are in agreement with the hardness profile
variations as seen in Fig. 4 where the tensile property
values of Table I1I, corresponding to specimens B, C,
D and E, fractured at room and high temperature and
at ¢ = 1 x 10 *sec™!, are replotted as a function
of weld thickness, together with the Vickers hard-
ness (HV 10) values reported previously [12]. Gen-
erally, the room-temperature hardness data can be
considered as a strength evaluation [21]. However, in
the present case, the correlation between hardness and
strength values is not as strict as expected according to

TOTAL ELONGATION (% )

+25

the literature. In fact, the maximum in hardness
(297 kgmm~?) at 5 to 7mm from the weld centre does
not coincide, as far as the position along the weld
thickness is concerned, with the maximum (670 MPa)
in strength, but rather with the minimum in ductility
(e; = 16%), which confirms the relative brittleness of
the area at 5mm from the centre, previously revealed
[12]. Moreover, it is to be noted that the above com-
parison between front- and back-pass deposits, on the
one hand, and the root deposit on the other, is based
on data obtained from specimens of different size. The
literature indicates that there is an increase in flow
stress with decreasing specimen diameter, generally
accounted for by the increase in surface layer stress
[22], whereas at the same time the decrease in ductility,
which occurs because the component of the elongation-
to-fracture contributed by necking (the other com-
ponent has ability to elongate uniformly), is relatively
higher for larger size specimens [23]. This means that
the differences between small specimens (D, E) and
standard specimens (B, C) are in reality less than
appears from the data themselves for both strength
and ductility, even if it is very difficult to give a
quantitative evaluation of those differences.
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4.2. Strain-rate influence

Table 111 shows for the weld-deposited metal (front-
and back-pass deposit specimens) that the strength
(UTS and YS) and ductility are insénsitive to strain-
rate changes over the rate range investigated at both
test temperatures because the variations observed are
in the range of normal data scatter. The present
results, even if related to a narrow range of 1 x 107*
tol x 107%sec”!, confirm previous data of Streichen
and Ward [5] indicating a strain-rate insensitivity of
the tensile properties of type 308 stainless steel weld
metal at test temperatures below 538°C and over a
strain-rate range of 1 x 103to 1 x 107" sec™'. The
above results suggest that the austenitic weld metal
must be treated in a structural calculation for service
conditions at room temperature as rate-independent
material. On the contrary, the data of strength (YS)
and ductility in Table III related to the parent metal
show a rate dependence at room temperature which
is in agreement with Ispra’s previous results on
various solution-annealed type 316 stainless steel
[14-16, 24], showing a dynamic hardening as in the
present case over large variations in strain rate (from
1 x 1075to1 x 107 2sec™!).

4.3. Macrostructure

The more streaking feature is the presence of an ellipti-
cal cross-section in the fractured all-weld metal speci-
mens indicating an allotropic deformation behaviour
at both test temperatures which is similar to that
reported in the literature for other austenitic welds
[1, 3, 9, 10]. In practice, the initial circular specimen
cross-section was gradually distorted into an elliptical
one during plastic deformation. Moreover, metallo-
graphic analyses of the microstructure in various
cross-sections yielded evidence of a columnar grain
growth direction parallel to the minor axis of the
ellipse, and solute bands parallel to the major axis.
The above observations confirm that anisotropic
behaviour could be a result of local substructure
orientations and preferred crystallographic orien-
tations, as previously suggested [1, 3, 9, 10]. Both
orientations develop during solidification as a result of
a competitive growth process [25] which, in the present
weld, was controlled by a “tear-drop” shaped weld-
pool geometry, as previously shown [12]. According to
the literature [25-27], this type of weld-pool mor-
phology, which is characterized by straight columnar
grains as shown in Fig. 5, should favour the above
preferred. orientations which, in turn, result in a
marked anisotropy during deformation and affect the
weld mechanical properties after welding. Another
observed feature directly related to the influence of
the anisotropic deformation is the occurrence of
non-uniform diametral reductions in some deformed
specimens, in several austenitic welds, as previously
observed by other authors [1, 3]. It should be noted
that no features depending on anisotropic behaviour
‘were observed in the parent metal, as expected.

The above “tear-drop”” shaped weld pool is also not
favourable as far as macro-segregation phenomena
are concerned because it could enhance the levels of
solute and impurities at the weld centre (Fig. 5) when
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Figure 5 View of the (etched upper side) weld surface of the type 316
stainless steel weldment, showing columnar development typical of
a tear-drop shaped weld-pool with cells growing perpendicular to
fusion line in the plane of the sheet. {100 is the preferred orien-
tation of the cellular substructure.

the two solidification fronts from opposite sides
impinge, according to Savage et al.’s model of the
solidification process in welding [25]. These centre-line
solute and impurity accumulations could be the cause
of the formation of the area of relative brittleness or
weakness mentioned previously which affected the
toughness of the weld deposit (Fig. 4).

4.4, Microstructure
The structure observations on a microscopic scale are
illustrated in Figs 6 and 7 (optical micrographs) and

- Fig. 8 (TEM) images. Fig. 6 shows various defor-

mation microstructures seen in the fracture zones of
specimens taken from different regions in the weld-
deposited metal and fractured under different experi-
mental conditions. The microstructures of Figs 6a
and b originated from tensile deformation of micro-
structures similar to that of Fig. 3a, that is, those
constituted by a cellular or cellular-dendritic mor-
phology with d-ferrite located at the cell axes as a
result of a ferritic-austenitic solidification followed by
a solid-state 6—y transformation, according to Suutala
et al.’s solidification model in austenitic stainless steel
welds [28]. Most of the present weld (about 90%)
solidified with this morphology [12]. The vermicular
ferrite appears after large deformation in the necked
zone near to fracture, elongated to a high degree in the



tensile axis direction at both room (Fig. 6a) and high
(Fig. 6b) temperature, indicating a large deformability
of the §-ferrite phase. Lastly, in the case of the ferrite
morphology constituted by vermicular d-ferrite located
at the cell-boundaries (Fig. 3b), found mainly in the
root-deposit region, there is also evidence of mor-
phological variations after large specimen deformation
(Fig. 6¢), because the o-ferrite appears in the form of
elongated particles. However, this is not surprising,
because the J-ferrite at the boundaries of the cells
(Fig. 3b) is not continuous [29] and this fact makes
the morphological transformations from Fig. 3b to
Fig. 6¢ during tensile deformation easier. On the con-
trary, in the particular case of specimen 1, broken at
400°C after a limited deformation (¢; = 12%) and
little necking (~43%), the d-ferrite morphology
appears slighily modified (Fig. 7) and the cellular
structure has undergone limited damage (Figs 7b
and c). It is thus evident that the degree of elongation
in the ferrite morphology is correlated with the degree
of plastic deformation, and that the variations in the
two oO-ferrite morphologies in the weld-deposited
metal disappear at large plastic deformation, in
the sense that in both cases the final morphology

Figure 6 Microstructures in the fracture zone (longitudinal section)
of various type 316 stainless steel all-weld specimens: (a) B from
front-pass deposit fractured at room temperature; (b) C from back-
pass deposit fractured at 400°C; (c) E from root deposit fractured
at room temperature. Tensile axis in the horizontal direction.

of §-ferrite in broken specimens is constituted by
elongated particles which are distributed in the y-
austenite matrix.

On the other hand, there are relevant local differ-
ences as far as the amount of d-ferrite is concerned,
which, according to some evaluations, is of the order
of 7.5, 9.5, 4.5 and 6 vol % (mean values of six deter-
minations) for the B, C, D and E specimens, respect-
ively. There is thus evidence of the presence of ferrite
in the weld-deposited metal which varies highly from
location to location with higher amounts correspond-
ing to locations with lower strength (UTS and YS)
comparing the above ferrite per cents with data from
Fig. 4. In the literature there are few cases of austenitic
welds with a decrease in strength (UTS and YS)
with increasing ferrite content {6, 30] whereas, in the
majority of cases, the effect of the content of d-ferrite
is that it increases the YS and UTS, as in the case
of more conventional wrought (unwelded) austenitic
structures. The strenghening effect of the J-ferrite is
probably due to dispersion hardening mechanisms [4,
31, 32]. Probably, in the present weld, the morphology
of the ¢-ferrite, which is of the dendritic type, is not
suitable for a dispersion hardening mechanism to
occur, as is the globular J-ferrite present in some
austenitic welds [4].

The metallographic analysis also gives some infor-
mation on the columnar grain size whose local vari-
ations across the weld metal thickness can be an
important component of material variability, as men-
tioned above. Figs 7b and ¢ show that in the root
deposit it is of the order of 100 ym. This is in agreement
with the grain size of the parent metal which is of the
order of 90 um [12] and it can be explained by the fact
that the mode of weld-pool solidification controls the
size and the pattern of solidified grains [25, 26]. More
precisely, the moving pool of molten metal (Fig. 5)
solidifies within the joint by epitaxial growth from
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crystals favourably oriented at the initial solid/liquid
interface and from bead to bead through a competitive
process (Fig. 1); consequently, the initial dimensions
of the parent grain size do not vary significantly.
The thin-foil examination performed in the present
work is related to different locations in the weld-
deposited metal (as-welded material and selected
all-weld specimens fractured at room temperature).
Generally, weld-deposited metal (as-welded material)
viewed through the TEM, appears (Fig. 8a) as a
dislocation substructure with an important network of
low-angle subgrain boundaries. These were formed in
the course of the rapid weld-pool solidification because
of an accommodation process of the mismatch between
adjacent d-ferrite dendrites, according to a TEM
analysis in a 16-8-2 austenitic weld [8]. The size of
these subgrains is comparable, as shown previously

R R
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[9], to secondary-arm dendrite spacing which, in the
present weld, has been roughly estimated to vary from
about 10 ym in front-pass and back-pass deposits to
about 3 um in the root-pass deposit. The dislocation
density is higher in the y-austenite matrix than in the
o-ferrite second phase (Fig. 8a) and increases gradu-
ally from the surface to the centre of the weld deposit.
The latter feature confirms the above-mentioned
suggestion of an increased dislocation density in the
root region because of more thermal cycles experi-
enced in this region. Fig. 8a also shows that in some
areas there is evidence of round inclusions (Fig. 8a)
whose composition has not been identified. However,
according to microcompositional EDX analysis of
similar particles on fracture surfaces of several broken
specimens, these inclusions could be assessed as deoxi-
dation products (see later). After (room-temperature)
deformation the austenitic areas are characterized by
a dislocation cell structure (Fig. 8b) and also by slip
bands. The dislocation density and deformation in
ferrite are as important as in austenite. These obser-
vations are in agreement with previous TEM analyses
on austenitic welds [6-9, 33, 34].

Finally, the effects due to variations in chemical
composition might have an importance; however, in
the present work (see Table I) there are no differences
of practical significance among the chemical analyses
of front-pass, root-pass and back-pass deposits,
especially as far as nitrogen and carbon are concerned
which are the only alloying elements characterized by
a strong solution strengthening of austenitic stainless
steels, as previously mentioned.

4.5, Fracture

Metallographic and SEM evidence shows that the
fracture behaviour of the broken specimens can be
considered ductile. A cup and cone appearance on a

Figure 7 Microstructures of a longitudinal section of specimen E
from type 316 stainless steel root-pass deposit fractured at 400°C:
(a) gauge length and fracture zone; (b) and (c) areas of fracture zone
(a) at higher magnification. Tensile axis in vertical position.
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Figure 8 Transmission electron micrographs from SA type 316 stainless steel weld deposit: (a) root-pass deposit (as-welded); (b) specimen

C deformed at room temperature.

macroscopic scale with a predominance of a cone or
shear portion (due to the fact that there are no micro-
fissures in the fracture zone, as shown in Fig. 6), is
accompanied on a microscopic scale by dimples, as
shown in the SEM images of Fig. 9. The dimples are
associated with impurity particles which are generally
round and have various different sizes (Fig. 9). Void
nucleation occurred by impurity particle/matrix inter-
face separation controlled by the plastic flow of the
austenite matrix. Void growth was also governed by
plastic deformation, as suggested by fine wavy mark-
ings in the cavity and near to the cavity, which can be
explained as a result of slip on many favourably
oriented planes according to Beachem and Heyn [35].
Coalescence by internal necking of cavities (Fig. 9)

Figure 9 Fracture surface (SEM image) of type 316 stainless steel
front-pass deposit B specimen fractured at room temperature: areas
marked A, B and C show void nucleation at a particle/matrix
interface, void growth by plastic flow (fine wavy slip lines) and void
coalescence by internal necking, respectively.

is the third stage which characterizes the fracture
behaviour in the present austenitic weld metal, which
is in agreement with microstructural aspects of the
ductile fractures of the metal recently reviewed [36, 37].

The above fracture behaviour is typical of the all-
weld specimens B and C from front- and back-pass
deposits and also with a minor degree of the ductility
of specimens E from the root deposit. On the contrary,
for the specimens D, from a localized area in the
root deposit at Smm from the centre, the fracture
behaviour changes at the macroscopic level, whereas
at the microscopic level it remains always ductile. In
fact, there is an enlargement of the cup or flat portion
of the fracture surface and a strong diminution of the
cone or shear portion, as shown in the micrograph of
Fig. 7 of a longitudinal section of a specimen broken
at 400° C and characterized by a low total elongation
value (12%). The fracture surface of the same speci-
men is shown in the SEM images of Fig. 10. Dimples
are always present but some areas of the surface are
characterized by deep, parallel and adjoining striations
(Fig. 10a) originated by a process of coalescence of
aligned microvoids nucleated at impurity particles
(Fig. 10b). The results of the EDX analyses (for
elements heavier than sodium) indicated that inclusions
analysed contained silicon, sulphur, chromium,
manganese, iron and nickel. The majority of inclusions
are manganese-rich and originate from deoxidation
products. This analyses is similar to that performed on
other stainless steel weld metals [38-40]. In our opinion
the above inclusions or impurities must be related to
the macrosegretation phenomena occurring in the
grain boundary by impingement (Fig. 5) which produce
an area of relative weakness, as assessed by tensile and
hardness tests (Fig. 4). This area leads to an anticipated
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Figure 10 SEM images of fracture surfaces of type 316 stainless steel root-deposit E specimens fractured at room temperature at: (a) low

and (b) high magnification.

failure in specimens D and, consequently, to lower
total elongation values in specimens E, especially at
400°C.

4.6. Design-oriented data
Although, as is well known [1], the mechanical data
from one austenitic weld are not easily applicable to
another similar welding, accurate knowledge of such
data is useful because it increases the volume of data
on austenitic weld deposits which are suitable for
statistical analyses for engineering code rules purposes.
In order to obtain design-oriented information on
the tensile behaviour of the present weld metal and of
the parent metal, the usual engineering properties
measured in a tensile test are not sufficient and it is
necessary to use analytical expressions which repre-
sent all the stress—strain curves (more exactly the true
stress—true strain data). We took into consideration
the most-used constitutive equations of the plastic
flow of the type ¢ = ¢ (g,) where ¢ is the true stress
and ¢, the true plastic strain, supposing that the strain
rate and the temperature are fixed (Hollomon [41],
Voce [42], Ludwik [43] and Ludwigson [44])

o = K& (Hollomon law) (1)
c = B,exp (Cig,) + 4, (Voce law) (2)
6 = Bg + A (Ludwick law) (3)
o = A, exp(Cye,) + Ky

(Ludwigson law) (4)

where X,,, 4,, B,, C,, 4, B;, K, 4y, C,, are material
constants and n,, n and m, are strain hardening
exponents. The coefficients which appear in these
equations were determined by a non-linear statistical
analysis based on the least-squares method following
the SAS computer system [45]. The results reported in
Table IV and also in some plots (Fig. 11) show from
a comparison of the standard error of estimate (S.E.)
that

(a) the Hollomon law does not give a good descrip-
tion of the plastic flow exhibited by both weld and
parent metal. This result confirms the statement that
the Hollomon law gives an inadequate representation
of the plastic flow of austenitic stainless steels [46—48].
This statement was recently confirmed by a non-linear
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statistical fit of Equation 1 of experimental data for
AIST 316 {14, 15]. Indeed, only at high temperature
(=800°C) can the Hollomon equation be applied
with some accuracy [14, 15];

(b) the Voce law gives the smallest estimate of stan-
dard error for the base metal over the plastic range
investigated, thus confirming the above-mentioned
results [14, 15], even if at very low plastic strain (= 0.2)
a slight deviation is shown (see Fig. 11 representing
the relative differences between true stress values and
work-hardening law fits for tests at room temperature
and até = 1 x 1073 sec™);

(c) on the contrary, for the weld metal the best
fitting is given by the Ludwick law even if the Voce
and Ludwigson laws have a standard error compar-
able with that of the law mentioned above, but gener-
ally higher.

The reason why the fit of the Hollomon Equation 1
is poor with austenitic stainless steels at room and
moderate temperature can be found in the presence in
the early part of straining of an approximate linear
strain-hardening, stage II of the three stages of work-
hardening observed in metals (stage I or the easy glide
region is'observed only in single crystals). This stage is
characterized by planar arrays of dislocations while
stage III corresponds to a cross-slip cell formation. In
lower stacking fault-free energy (SFE) metals and alloys
such as stainless steels, dislocations cross-slip with
difficulty and the dominant mode observed is stage IT.
At high temperature the SFE energy increases and stage
III (parabolic stage) becomes dominant in turn. Then
Equation 1 becomes valid at very high temperatures.

5. Conclusions
A thick section, multipass, submerged-arc weld-
deposited metal, type 316 stainless steel, has been
investigated by tensile tests at room temperature and
at 400° C and by microstructural and compositional
analyses of selected fractured all-weld metal specimens.
The results indicate the following points.

1. The as-deposited metal has a higher yield strength,
a comparable ultimate tensile strength, a lower total
clongation than the (as-solution annealed) parent
plate. Moreover, the behaviour of the true stress—-true
strain curves shows a lower strain-hardening capacity
in yield-deposited metal as compared to parent metal.
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2. Tensile properties vary systematically through
the thickness of the weld-deposited metal with the
centre of the weld characterized by higher strength
and lower ductility than the weld metal near to
surfaces.

3. The variations observed are related to an import-
ant material variability from the surfaces to the centre
of the weld metal characterized mainly by differences
in dislocation density caused by local dissimilarities in
thermal and mechanical histories during welding and
in sub-grain size. Effects due to d-ferrite (content,
distribution and morphology) and chemistry are much
less important than to variations in other components
such as columnar grain size, sub-grain size.

4. Anisotropy of deformation on the weld metal
occurs with a distorsion of the initial circular specimen
cross-section into an elliptical one, as a result of
preferred orientation developed in the fusion zone
during grain growth and enhanced by the occurrence
of a “tear-shaped‘* weld-pool solidification process.

5. The fitting of the true stress—true strain data from
tests to several work-hardening laws (Hollomon,
Voce, Ludwik and Ludwigson) for design-oriented
information purposes shows, from a comparison of
the standard error of the estimate, that the Voce and
Ludwick equations are the best mathematical descrip-
tions of the data for the parent and the weld metal,
respectively.
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